SH,
=

S

ELSEVIER

Journal of Nuclear Materials 251 (1997) 200-217

Defect production in ceramics

S.J. Zinkle **, C. Kinoshita °

? Metals and Ceramics Division, Oak Ridge National Laboratory, PO Box 2008, Oak Ridge, TN 37831-6376, USA
® Department of Nuclear Engineering, Kyushu University 36, Hakozaki, Fukuoka 812, Japan

Abstract

A review is given of several important defect production and accumulation parameters for irradiated ceramics. Materials
covered in this review include alumina, magnesia, spinel, silicon carbide, silicon nitride, aluminum nitride and diamond.
Whereas threshold displacement energies for many ceramics are known within a reasonable level of uncertainty (with
notable exceptions being AIN and Si;N,), relatively little information exists on the equally important parameters of
surviving defect fraction (defect production efficiency) and point defect migration energies for most ceramics. Very little
fundamental displacement damage information is available for nitride ceramics. The role of subthreshold irradiation on
defect migration and microstructural evolution is also briefly discussed. © 1997 Elsevier Science B.V.

1. Introduction

Radiation effects in ceramics have been studied for
many years, with the most intense period of research
occurring in the 1960s and 1970s. A sound understanding
of radiation effects in ceramics is desired due to the
importance of these materials in electronic applications
(ion beam processing, high temperature semiconductors in
radiation environments, etc.), fission reactor fuel burnup
and reconstitution, nuclear waste disposal, and advanced
energy concepts such as fusion energy and nuclear
thermionic systems. Several factors cause radiation effects
in ceramics to be more complex than in metals. Ceramics
generally consist of multiple sublattices, each with differ-
ent atomic masses and displacement energies. In addition,
ionizing radiation can affect defect production [1] and /or
migration [2] in many ceramics. As a consequence of this
complexity, many of the fundamental aspects of radiation
effects are not as well understood for ceramics compared
to metals.

A multitude of experimental techniques are available
for studying radiation effects in ceramics. These tech-
niques include optical spectroscopy (absorption, lumines-
cence, radio-luminescence, etc.), electron paramagnetic
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resonance (EPR), thermally stimulated spectroscopy
(luminescence, electrical conductivity), positron annihila-
tion, lattice parameter and length change measurements.
Techniques such as optical spectroscopy and EPR are
particularly valuable since they can provide information
about a specific type of point defect, including its charge
state (e.g., an F* center, an oxygen vacancy with a single
trapped electron). Such defect-specific probes are generally
not available for radiation effects studies in metals. How-
ever, detailed and time-consuming studies are required in
order to determine the identity of the defect responsible for
a particular EPR or optical signal. Consequently, only a
relatively small proportion of the numerous point defect
states that occur in different ceramics have been uniquely
identified by these techniques.

Numerous reviews on radiation effects in ceramics
have been published [1,3-8]. The objective of this paper is
to review the available information on several key funda-
mental parameters that describe defect production and
migration in irradiated ceramics. Specifically, this review
will focus on the experimental and calculated values of
threshold displacement energies for several technologically
important oxide and carbide ceramics. Available informa-
tion on the mobility of point defects and the defect produc-
tion efficiency will also be reviewed, including the role of
ionizing (non-displacive) radiation on defect migration.
One well-studied topic which will not be addressed in this
review is defect production by ionizing radiation. This
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defect production mechanism is very important in certain
ceramic systems such as alkali halides and silica [1,3,8,9],
but produces negligible amounts of displacement damage
compared to elastic collisions in the ceramics covered in
this review: Al,O5;, MgO, MgAl,0,, CaO, ZnO, UO,,
BeO, diamond, graphite, SiC, Si;N, and AIN.

2. Review of threshold displacement energy measure-
ments.

The most important physical parameter for describing
radiation damage in a material is the threshold displace-
ment energy, which is simply the minimum amount of
transferred kinetic energy to a lattice atom that results in
the formation of a stable Frenkel pair. Since ceramics
generally consist of multiple sublattices, this parameter
must be separately measured for each sublattice. In addi-
tion, measurements must be obtained for different crystal-
lographic orientations since the displacement energy is
dependent on orientation. Numerous studies on the thresh-
old displacement energies in ceramics have been per-
formed over the past 35 years. Many of the published
results up to 1985 have been summarized in previous
review papers [1,5,7,8]. Additional work published since
1985, along with results obtained in older studies not
previously reviewed, suggest that the displacement ener-
gies in several ceramics should be revised from the values
recommended by Clinard and Hobbs [8].

Almost all of the threshold displacement energy (E,)
measurements have utilized electron irradiation sources to
produce isolated point defects. Many of the studies have
used optical spectroscopy or EPR techniques to uniquely
monitor the behavior of a particular defect such as an
anion vacancy. However, in some cases it has been re-
ported that the EPR or optical signal may not be visible
unless displacement damage occurs on both sublattices
[10]. An alternative technique utilizes in situ monitoring of
defect cluster formation or amorphization in a transmission
electron microscope. It is generally assumed in the TEM
studies that visible damage requires displacement of de-
fects from all of the sublattices. Therefore, the measured
threshold electron energy for creation of damage generally
corresponds to the minimum energy to displace the most
massive atomic species in the ceramic (or alternatively the
sublattice with the highest E, if the masses are compara-
ble). This assumption has been verified to be correct in
several cases, e.g., [11].

The most accurate technique for determining E; is to
experimentally bracket the threshold electron irradiation
energy required to produce point defects. The relationship
between E; and the threshold electron energy is given by
the following well known equation

2E(E +2m.c?)  2147.7E(E, +1.022)

me? A

d - (D

where E, is in eV, E, is in MeV and A is the atomic mass
of the displaced ion in the right hand side of the equation.
Several studies have estimated E; by performing electron
irradiations at energies above the threshold value, and
comparing the measured point defect concentration with
the theoretical (modified Kinchin-Pease) concentration.
This latter technique typically overestimates Ej, since the
irradiations are often performed at temperatures where
interstitials are mobile (> 50-200 K for most ceramics,
see Section 3.1) and thereby recombine with many of the
vacancies. Several studies have examined the effect of
irradiation temperature on E,. According to previous stud-
ies performed on metals, e.g., [12], E; decreases steadily
with increasing temperature. However, threshold displace-
ment energy measurements on Al,O; and MgO indicate
that E, is approximately constant over the temperature
range between 78 K and 400 K {5,13,14]. Several in situ
TEM studies on Al,O, and MgO have observed an appar-
ent decrease in E, at higher temperatures [13,15,16], al-
though it appears likely that this is due to a change in the
defect aggregation process as opposed to a decrease in E,
[13.16].

One potential complication in multi-atomic ceramics
occurs if the displacement energy for the lower-mass
sublattice is less than or comparable to the displacement
energy for the higher-mass sublattice. Depending on the
specific displacement energies and ion masses, it may be
possible to induce displacements of the heavy ions by a
two-step collision process involving electron collisions
with the light ions at lower electron energies than the
direct electron—~heavy ion collision sequence [17,18],
thereby producing anomalously low apparent E; values
for the heavier ion. The maximum amount of energy that
can be transferred from the light ion (atomic mass A)) to
the heavy ion (A,) is 4A, A, E,/(A, + A,)*, where E, is
the kinetic energy of the light ion. For example, assuming
threshold displacement energies of 25 ¢V for both the
oxygen and beryllium sublattices in BeO, the threshold
electron energy for direct displacement of oxygen ions is
160 keV whereas the threshold electron energy for the
electron—beryllium—oxygen displacement sequence is 103
keV. Therefore, an incorrect oxygen threshold displace-
ment energy of 16 eV would be obtained for BeO if the
electron—beryllium-oxygen displacement sequence was ig-
nored. In ceramics where this two—step displacement se-
quence is important, an accurate measurement of the
threshold displacement energy for the heavy ion can only
be obtained by measuring the defect production cross-sec-
tion over a wide range of electron energies (at low temper-
atures where defect migration does not occur). The two-step
displacement sequence is apparently important for near-
threshold displacements of the heavier ion in UO,, BeO
and SiC, whereas it is apparently not significant in Al,O,
and MgO.

Table | summarizes threshold displacement energy data
for Al,O, [14,16,19-24], MgO [11,13-15,25,26],
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MgAl,O, [27], ZnO [10,28,29], CaO [14], UO, [30] and
BeO [31-34]. The optical absorption measurements of the
aluminum sublattice threshold displacement energy in
Al,0O; all indicate a value of ~20 eV [16,19,23]. The
upper limits for the Al sublattice F, values from the TEM
studies (obtained by assuming that electron—ion displace-
ments occurred on both sublattices when loop formation
was visible) also suggest a value below 25-30 eV [20,22].
The oxygen sublattice measurements for Al,O; fall into
two groups of ~ 50 eV and ~ 75 eV. The source of this
difference in measured values is uncertain, since each
grouping contains both TEM and optical spectroscopy
measurements. Unfortunately, the crystallographic orienta-
tion was not monitored for the optical studies by Caulfield
et al. which reported E; =51 eV [14]. An upper limit for
the oxygen sublattice E; of 70 eV was obtained by
Compton and Arnold by comparing the calculated and
observed F center concentrations in sapphire irradiated
with 0.5-1.5 MeV electrons at 77 K [21]. Townsend
reported that oxygen vacancies were readily produced by
300 keV electrons in sapphire oriented with the c-axis in

Table 1

the plane of the foil, which gives an upper bound for E, of
52 eV [24]. As suggested by Das [22], it is possible that the
relatively high oxygen threshold reported for the TEM
studies by Pells et al. [16,23] may be due to the relatively
low doses in their experiments. Indeed, a similar TEM
study by Pells on MgO found that the apparent E, de-
creased by ~20% when longer irradiation times were
used [13]. It is also worth noting that the electron fluences
for the optical absorption studies that reported E, ~ 75 eV
were typically ~ 107 ¢~ /m?* [16,19,23). A previous opti-
cal absorption E; study on MgO found that electron
fluences of ~ 10?* e~/m? were necessary to obtain mea-
surable defect concentrations near the threshold energy
[25]. Therefore, it appears likely that the oxygen threshold
displacement energy for low-index crystal orientations in
alumina is approximately 50 eV.

The experimental data on MgO are in general agree-
ment that the threshold displacement energy is about 50-55
eV for both the magnesium and oxygen sublattices (Table
1). In the TEM measurements by Pells [13], a Mg displace-
ment energy of ~ 60 eV was observed for three different

Summary of experimental and calculated threshold displacement energies in Al,O5 [14,16,19-24], MgO [11,13-15,25,26], MgAl,0, [27],

ZnO [10,28,29], CaO [14], UO, [30] and BeO [31-34]

Material Threshold displacement energy (eV) Method Reference

Al, O, EY =51 luminescence Caulfield et al., 1995

Al O, EM <30 E? = 500001} TEM (loops) Barnard, 1977

Al O, EM <32 EY =53 [0001] TEM (loops) Das, 1983

Al,O, EN <24 ED =41[1120] TEM (loops) Das, 1983

ALO4 EP <52 optical abs. Townsend, 1961

Al, 04 EdO <70 optical abs. Compton and Arnold, 1961
Al O, EM~24 EQ = 79[0001] optical abs. Agnew, 1992

ALO, EM~18 EP =75 [0001] optical abs. TEM Pells and Phillips, 1979
Al, O, EM=18 EQ =76[0001] optical abs. TEM Pells and Stathopoulos, 1983
MgO EMe =52 E? =55 luminescence Caulleld et al., 1995
MgO EP =53 [001] optical abs.

MgO EMe = 46-60 E? ~ 44 [001] TEM (loops) Pells, 1982

MgO EMe = 51-60 ED ~ 64 [011] TEM (loops) Pells, 1982

MgO EMe = 51-60 E2 ~46[111] TEM (loops) Pells, 1982

MgO EMe =61[001] TEM (loops) Youngman et al., 1980
MgO EMe = 64[001] TEM (loops) Sharp and Rumsby, 1973
MgO EQ =60 [001] optical abs. Chen et al., 1970

MgO EMe =125 E? =160 [001] MD calc. Sonoda et al., 1995
MgO E}i‘“ =200 ES =200[011] MD calc. Sonoda et al., 1995
MgAl, 0, EQ =59 optical abs. Summers et al., 1980
Zn0 Ef" =56 EQ = 55[0001] resistivity, ESR Locker and Meese, 1972
ZnO EX =170 E? = 55[0001] TEM (loops) Yoshiie et al., 1979

Zn0O EF" =40 [1120] TEM (loops) Yoshiie et al., 1979

ZnoO E9 > 47 Jluminescence Garcia et al., 1987

Ca0 E? =58 luminescence Caulfield et al., 1995
vo, EY =40 EQ =20 HVEM Soullard and Alamo, 1978
BeO EPe <21 EQ ~237 TEM (ioops) Bowen et al., 1962

BeO EPe <21 E®~232 TEM (loops) Wilks and Clarke, 1964
BeO EBe <27 EQ ~297 TEM (loops) Cowley, 1966

BeO EQ ~ 76 ?[0001] optical abs. Pigg et al., 1973




S.J. Zinkle, C. Kinoshita / Journal of Nuclear Materials 251 (1997) 200-217 203

orientations at the ‘standard’ irradiation dose of ~ 3 x 10
e~ /m?, whereas lower apparent thresholds of 46-51 eV
were obtained at three to five times higher doses. How-
ever, it is possible that the defects observed at the higher
doses may be associated with oxygen loss due to surface
sputtering [13]. An estimate for the oxygen sublattice E,
was also obtained in the TEM study by Pells by examining
the temperature dependence of the threshold electron en-
ergy to produce visible damage. It was proposed that
dislocation loop formation in MgO could occur at tempera-
tures above ~ 500 K by a process involving oxygen ion
displacements combined with thermally activated diffusion
of Mg ions (i.e., no direct Mg displacements). Using this
model, the observed minima in the temperature-dependent
threshold energy curves at ~ 700 K were taken to repre-
sent displacement of oxygen ions with a resultant oxygen
sublattice E; of ~ 45 to 65 eV for the different crystal
orientations [13]. A luminescence study by Caulfield et al.
reported Mg and O sublattice E, values of 52 and 55 eV,
respectively [14], but unfortunately the crystal orientation
was not monitored. Table 1 also summarizes the results of
the Mg and O displacement energies calculated by a
molecular dynamics (MD) code for a temperature of 0 K
[26]. The calculated values are considerably higher than
the experimental data, suggesting that the interatomic po-
tential used in the calculation might not be reliable at these
energies. It was also proposed that the Frenkel pairs may
be more likely to spontaneously recombine at low tempera-
tures [26].

Relatively few displacement energy studies have been
performed on oxide ceramics other than Al,0, or MgO.
Only one known study has been performed on MgAl,O,
[27]. The E; for the oxygen sublattice in spinel was
measured to be 59 eV for an irradiation temperature of 77
K, which agrees well with the results obtained on MgO
and Al,O; (Table 1). A significantly higher apparent
oxygen threshold energy was observed for electron irradia-
tion of spinel at room temperature, possibly due to a larger
spontaneous point defect recombination volume at the
higher temperature [27]. Several different sets of threshold
displacement energy measurements have been reported for
ZnO [10,28,29]. The data indicate that the oxygen E, is
about 55 eV. Significant differences occur in the Zn
sublattice data, although it may be concluded that the Zn
Eqis ~ 50 to 60 eV. Both non-stoichiometric (excess Zn)
and stoichiometric ZnO specimens were examined in the
TEM studies in order to selectively examine defects on the
anion and cation sublattices [29]. Despite numerous radia-
tion effects studies performed on CaO [35], there has
apparently been only one experimental measurement of the
threshold displacement energy. Caulfield et al. reported an
oxygen sublattice E, of 58 eV in CaO at temperatures
between 80 and 300 K for an unspecified crystal orienta-
tion [14]. In the only known study on UQ,, displacement
energies of 40 eV and 20 eV were obtained for the
uranium and oxygen sublattices, respectively, from an

analysis of the defect cluster formation behavior during
high voltage electron microscope irradiation [30]. Further
studies are needed in order to complete and confirm the
limited E, data for MgAl,O,, CaO and UO,.

The apparent conflicting displacement energies mea-
sured for the oxygen sublattice in BeO provide a good
example of the potential experimental difficulties in dis-
placement energy measurements. Several TEM studies have
demonstrated that dislocation loop formation on both basal
and prism habit planes can be induced in BeO at room
temperature by 80 to 100 keV electron irradiation, whereas
loops were not observed for electron energies less than 80
keV [31-33,36]. This corresponds to a Be sublattice E, of
~20 to 25 eV or an O sublattice F; of ~ 12 to 15 eV,
assuming direct displacements from the electron beam.
Alternatively, if it is assumed that the oxygen ions are
displaced via a two-step sequence involving the lighter Be
ions, then the corresponding oxygen threshold Ej is ~ 25
eV (Table 1). An optical absorption study reported an
electron threshold of ~ 400 keV in BeO for defect bands
occurring at 6.5 and 5.4 eV [34]. Subsequent studies have
attributed these defect bands to F and F* centers, respec-
tively [37,38], which would imply that the oxygen thresh-
old £; is ~76 eV. There are several possible explana-
tions for the large discrepancy between the apparent oxy-
gen displacement threshoids measured in the TEM and
optical absorption studies. First, the evidence supporting
the assignment of the 6.5 and 5.4 eV absorption bands to
oxygen vacancies is not definitive and it is possible that
these bands are due to defect clusters [34]. In addition, the
electron fluences used in the optical absorption study
(~ 107'-10%* /m?) may have been too low to accurately
detect the presence of the 6.5 eV absorption band above
the ionization-induced background absorption, particularly
at low electron energies. Therefore, the actual threshold
electron energy for creation of the 6.5 eV band might be
much less than 400 keV. Alternatively, it is possible that
the Be sublattice E, is ~ 20 to 25 eV and that the oxygen
ions in the TEM studies were displaced by a triple ioniza-
tion (Varley) mechanism which is particularly effective at
the relatively low electron energies (~ 100 keV) used in
the electron microscope investigations [32). This would
have produced low apparent oxygen threshold energies in
the TEM studies. A semiempirical calculation by Van
Vechten predicts BeO displacement energies of 28 eV and
64 eV for the Be and O sublattice, respectively [39].

As summarized in Table 2. numerous threshold dis-
placement energy measurements have been performed on
graphite [40-47], diamond [48—52] and SiC [53-60). Much
of the experimental data for graphite has been reviewed
elsewhere [45,61]. Data obtained by several different ex-
perimental techniques are in agreement that the threshold
displacement energy is E; ~ 30 eV in graphite for low-in-
dex crystal orientations. A recent MD simulation also
reported a similar average value of E; ~ 34 eV in graphite
[47].
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There have been four known experimental measure-
ments of the threshold displacement energy in diamond.
An early measurement by Clark et al. suggested E, ~ 80
eV, based on a comparison of calculated and observed
(optical absorption, resistivity) defect concentrations at
electron energies between 0.3 and 1 MeV [51]. This esti-
mate must be considered an upper limit for E,, since they
did not account for point defect recombination by intersti-
tials which would have been mobile during the room
temperature itradiation [62-~64] and they also apparently
did not correct for the electron energy loss in the 150 pwm
Al foil that was placed in front of their specimen, which
would have produced an energy loss of more than 0.2
MeV. A subsequent study by Bourgoin and Massarani at
electron energies of 0.25-1.0 MeV suggested that E; ~ 35
eV, based on electrical resistivity measurements performed
at 15 K, where interstitials are not mobile [49]. However,
the possible effect of displacement of boron atoms in their
B-doped specimens on the measured threshold energy was
not considered. A displacement energy of 55 eV was
estimated from swelling (step-height) measurements of
diamond irradiated with 170 keV ions at 370 K, using a

simplistic model for interstitial-vacancy recombination
which ignored the possibility of interstitial clustering, etc.
[52]. The authors noted that 535 eV was probably an
overestimate of E,, since lattice relaxation around vacan-
cies had not been considered in their calculation of the
residual vacancy concentration from the swelling data. The
most accurate determination of E, for diamond (and the
only study on diamond which used an energy bracketing
technique) was obtained in a recent room temperature
TEM study by Koike et al., who found values between 38
and 48 eV for different orientations [48]. A recent MD
simulation has reported E; values of 50 to 60 eV [50],
which is somewhat higher than the most accurate experi-
mental measurements.

Several studies of the threshold displacement energies
in SiC have been performed, but further work is still
needed to verify the accuracy of these data. An estimate
for the carbon sublattice E; has been obtained in three
different studies, which all suggest a value of about 20 eV.
Barry et al. obtained a carbon Ej of 22 eV in «a-SiC at
room temperature by measuring the carrier lifetime in a
SiC light-emitting diode irradiated with 0.125-2.0 MeV

Table 2

Summary of experimental and calculated threshold displacement energies in graphite [40-47], diamond [48—52] and SiC [53-60]
Material Threshold displacement energy (eV) Method Reference

graphite ES =20-30 TEM (HREM) Lulli et al., 1995

graphite ES = 34[0001] Auger spectrosc. Marton et al., 1993
graphite ES =2710001] eln. amorphiz. Abe et al., 1995

graphite ES =31[0001] e~ irr. etch pits Montet and Myers, 1970
graphite ES = 34 [0001] TEM (def. clust.) Egerton, 1977

graphite ES =23-31[0001] resistivity Iwata and Nihara, 1971
graphite ES =30-42(1 120] resistivity Iwata and Nihara, 1971
graphite ES = 30 (several orientations) TEM Koike and Pedraza, 1993
graphite ES = 34 (polar avg.) MD calc. Smith and Beardmore, 1996
diamond ES =38[001] TEM (def. clust.) Koike et al., 1992
diamond ES =48[011] TEM (def. clust.) Koike et al., 1992
diamond ES=45[111] TEM (def. clust.) Koike et al., 1992
diamond ES=35,15K resistivity Bourgoin and Massarani, 1976
diamond ES <55, ~370K swelling Prins et al., 1986

diamond ES < 80,300 K resistivity Clark et al., 1961

diamond ES =501[001] MD calc. Wu and Fahy, 1994
diamond Ec',: =50[011] MD calc. Wu and Fahy, 1994
diamond ES=60[111] MD calc. Wu and Fahy, 1994

SiC ES <857 luminescence Volm et al., 1994

SiC ES =110,890 K TEM (loops) Hudson and Sheldon, 1973
SiC ESt=45[001] TEM (loops) Hgnstvet et al., 1980

SiC EJ =45[011] TEM (loops) Hegnstvet et al., 1980

SiC ES' =75[111] TEM {loops) Hgnstvet et al., 1980

SiC ES < 60[0001] TEM (amorph.) Angelini et al., 1987

SiC ESi~357 ES =227[111] luminescence Geiczy et al,, 1971

SiC E§ =22 optical lifetime Barry et al., 1991

SiC ES <20 ESR Chauvet et al., 1992

SiC ES'=35 ES = 40[001] MD calc. /Tersoff pot. Wong et al., 1994

SiC E} =85 ES =30[011] MD cale. / Tersoff pot. Wong et al., 1994

SiC E3t =35 ES =25-50[111]

MD calc. /Tersoff pot.

Wong et al., 1994
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electrons, and attributing the extrapolated damage thresh-
old at 0.108 MeV to carbon displacements [54]. An EPR
study performed on B-SiC reported that carbon vacancies
were created by 0.10 MeV electron irradiation at room
temperature, indicating that E; <20 eV [55]. Unfort-
nately, the crystal orientation was not specified in either of
these two studies. Geiczy et al. used Iuminescence tech-
niques to study the defects created at room temperature in
B-SiC by electrons with energies between ~ 0.11 and 3.5
MeV [53]. Energy thresholds were observed at ~ 0.11
MeV and ~ 0.19 MeV for spectra which were tentatively
suggested to be associated with C and Si defects, respec-
tively, which corresponds to an E; of ~ 22 eV for the C
sublattice and ~ 18 eV for the Si sublattice assuming
direct displacement of these ions by electrons. Assuming
the more likely possibility that the Si displacements were
created via a two-step collision sequence involving the
carbon ions, the threshold Si displacement energy calcu-
lated for the 0.19 MeV electron—C-Si collision sequence
is 35 eV. An early high voltage electron microscope
(HVEM) study performed at 890 K reported a very high
apparent Si displacement threshold of ~ 110 eV [56] It
seems possible that the high apparent displacement energy
may be due to a high point defect recombination volume at
this temperature, similar to the case mentioned previously
for spinel. A subsequent HVEM study reported erratic
behavior for irradiation temperatures above 800 K [57].
Irradiations at temperatures below 300 K were found to
give very reproducible results, and the threshold electron
energy determined by a bracketing technique ranged from
240 to 370 keV for different orientations. The authors
associated these threshold energies with carbon displace-
ments, rather than with the heavier Si atom [57]. However,
according to the other studies summarized in Table 2, the
threshold electron energy for C displacements in SiC is
only ~ 100 keV. If the data by Hgnstvet et al. [57] are
attributed to direct Si displacements by the electron beam,
then the Si displacement energy would be 23 to 38 eV for
the different orientations. Alternatively, if the threshold
energies are associated with the electron-C-Si collision
sequence, then the resultant Si threshold E, values would

range from 45 to 77 eV. In another TEM study, a-SiC was
observed to change to an amorphous phase during expo-
sure to 300 keV electrons at ~ 80 K [58]. If it is assumed
that both the Si and C atoms must be displaced in order to
produce the amorphous phase, then the upper limit for the
Si sublattice E; would be 30 eV assuming direct electron—
Si displacements or 60 eV assuming the more likely
electron—C-Si displacement sequence. A defect tentatively
proposed from photoluminescence and Zeeman spec-
troscopy studies to be a Si monovacancy was observed in
a-SiC following 0.4 MeV electron irradiation at room
temperature [59], which would imply that the Si sublattice
E,; is <43 eV assuming direct electron—Si collisions or
<85 eV assuming the electron-C-Si displacement se-
quence. MD calculations of the threshold displacement
energies in SiC have been obtained for several different
interatomic potentials [60,65,66]. The Tersoff potential
gives the best fit to SiC physical parameters such as bulk
modulus, melting point, etc., and is therefore considered to
be more reliable than the Pearson potential [65]. Displace-
ment energies calculated by the Tersoff potential range
from 25 to 40 eV for the C sublattice and 35-85 ¢V for
the Si sublattice [60].

Table 3 summarizes the recommended values of the
threshold E, (averaged over the low-index crystal orienta-
tions, where available) for the ceramics evaluated in this
review. Based on similar work in metals, high-index crys-
tallographic directions should have much higher displace-
ment energies than low-index directions. Therefore, the
value of the threshold displacement energies averaged over
all crystal orientations should be larger than the values
given in Table 3. However, there is not enough available
information on the crystal orientation dependence of the
displacement energy in ceramics to accurately determine
the appropriate scaling parameter between the measured
threshold displacement energies for low-index directions
and the polar-averaged displacement energies. Considering
that crystal orientation effects are probably smaller in
ceramics compared to metals [67], it may be speculated
that the polar-averaged E, values (relevant for bulk radia-
tion damage environments such as neutron irradiation)

Table 3

Recommended threshold displacement energies in ceramics

Material Threshold displacement energy (eV) Comments

AlLLO, E}N ~20 E =50 previous ‘standard’ value for E was 76 eV
MgO EMe=55 EP =55 good agreement among five studies
MgAl, O, EP =60 only one known measurement
Zn0O EX ~ 50 EQ=55 moderate uncertainty in EZ"

BeO EP* ~25 E9 ~707 large uncertainty in data

uo, EY =40 EP =20 only one known measurement

SiC ES' ~ 407 ES =20 large uncertainty in ES’

Graphite ES =30 extensive data base

Diamond ES =40 four known measurements
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would be ~ 30% larger than the values listed in Table 3.
We were unable to find any published experimental or
computed E, results for the nitrogen-bearing ceramics
such as AIN, SizN,, or 9A1,0; - 5AIN (AION). In addi-
tion, we did not locate any corresponding studies on ZrO,
or Y,0,. A semiempirical analysis by Van Vechten pre-
dicts E, values of 27 eV and 35 eV, respectively for the
Al and N sublattices in AIN [68]. There have been some
attempts to measure E; for TiC and TiO,, but the reported
values (e.g., ~5 eV in Ref. [69]) are much lower than that
measured in other ceramics, suggesting that the measured
value is not due to elastic collisions.

Several of the recommended values in Table 3 are
significantly different from the values proposed by Clinard
and Hobbs [8]. In particular, the oxygen sublattice E,
value for Al,0; has been reduced to ~ 50 eV from the
previous recommended value of 76 eV. The new value is
in better agreement with oxygen sublattice E; values of
50-60 eV obtained on other close packed anion ceramics
such as MgO, CaO, spinel and ZnO (Table 1). Our recom-
mended E, for diamond is one-half of the value published
in the review by Clinard and Hobbs. Finally, several recent
E, measurements on SiC, along with a reevaluation of
older published data, allow us to recommend E; values
that are significantly less than previously proposed values
for SiC. The accuracy of the recommended E, values are
generally thought to be +5 to 10 eV, with the highest
accuracy occurring in graphite and the lowest accuracy
occurring in SiC and spinel. Further threshold energy
measurements would clearly be valuable, in order to con-
firm the results recommended in Table 3 and to obtain
some estimate of E; on other technologically important
ceramics such as AIN and Si;N,.

3. Defect production and migration

In monatomic solids, the displacement damage dose
can be directly calculated from the damage energy using
the well-known modified Kinchin—Pease model [70). This
model cannot be directly applied to multi-component ce-
ramics, due to the different atomic mass and E; values for
the anion and cation sublattices. Several authors have
outlined methods to calculate displacement damage in
polyatomic materials that consist of multiple sublattices
[71-79]. The currently-accepted standard model for calcu-
lating radiation damage in multi-component ceramic mate-
rials was developed by Parkin and Coulter about 15 years
ago [76-78]. They developed a system of equations to
describe the atomic displacements on different sublattices,
and showed that their results could be written in a form
that is analogous to the Kinchin—Pease expression for
displacement damage. Unfortunately, this system of equa-
tions is complex to apply, and representative results for
different irradiation spectra have only been published for a
few specific cases [79-82]. Several studies have evaluated

the production of displacement damage in multi-compo-
nent ceramics with binary collision approximation com-
puter codes [83,84]. Ghoniem and Chou obtained a particu-
larly simple empirical value for an effective displacement
energy in MgAl,O, that could be used with the Norgett—
Robinson—Torrens (NRT) model [70] to provide a satisfac-
tory estimate of the total number of displacements at high
PKA energies. Assuming that a similar relation holds for
other ceramics, the effective displacement energy is

Ef;“:{Z—i

i

—1

: (2

where S, and E; are the stoichiometric fraction and dis-
placement energy of the ith atomic species, respectively.
Using the recommended displacement energies in Table 3,
the effective displacement energies for SiC, Al,O;, and
MgO (rounded to the nearest 5 €V) are 25 eV, 30 eV and
55 eV, respectively. Considering the Coulombic nature of
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the collision cascade, a somewhat more appropriate scaling
parameter for the effective displacement energy might be
S,Z?/A,, where Z, is the atomic number and A, is the

atomic mass of the ith atomic species.
3.1. Defect migration kinetics

Before the published studies on defect production effi-
ciency are reviewed, it is pertinent to summarize the
available information on defect migration energies in ce-
ramics. This information is useful because it will be seen
that many of the published defect production studies failed
to account for point defect migration and annihilation in
the evaluation of their experimental data, and therefore
their published defect production efficiencies are likely an
underestimate of the actual value. Since most of the defect
production studies have been performed on alumina and
MgO, we will concentrate on the corresponding defect
migration studies for these two ceramics. Some of the
published migration enthalpies for numerous ceramic ma-
terials have been summarized by Clinard and Hobbs [8).

Table 4 summarizes the published migration energies
for vacancy and interstitial diffusion in MgO [26,85~94].

Table 4
Summary of experimental and calculated point defect migration
energies in MgO and Al,0,

Material Point defect Migration Ref.

energy (eV)
MgO Mg vacancy 2.0-2.3 [26,85-88]
MgO O vacancy 2.0-2.5 {26,85,86,88.89]
MgO Mg, O interstitials 0.5-1.5 [88,00-94]
MgO Mg, O interstitials < (.2 [26,85,93]

Al,0; Al vacancy 1.8-2.1(<1) [86,104,107,108]
Al,O, O vacancy 18-2(1.1)  [16,86,102-104]
Al,O, Al, O interstitials 0.2-0.8 [93,115,116]
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There is rather good agreement in the literature regarding
the migration energy for vacancy diffusion on the Mg and
O sublattices. The Mg vacancy migration energy appears
to be 2.0-2.3 eV, and the reported oxygen vacancy migra-
tion energy is 1.9-2.5 eV. Henderson and coworkers
originally reported a Mg vacancy migration energy of 0.96
eV based on annealing studies of divacancy formation in
neutron irradiated MgO [87]. However, their measured
activation energy should correspond to 1/2 of the Mg
vacancy migration energy, since divacancy formation from
migrating vacancies is a second order process [95].

There is considerable disagreement in the literature
regarding the magnitude of the interstitial migration ener-
gies in MgO, with estimates ranging from ~ 0.1 eV to
~ 1.5 eV. Several measurements of F center (oxygen
vacancy) annealing in irradiated MgO specimens suggest
that the oxygen interstitial migration energy is ~ 1.5 eV
[90,91]. However, the irradiation temperature in one of
these studies was > 320 K [90], which may have been too
high to prevent interstitial migration during the irradiation.
A recent calculation for oxygen interstitials in MgO re-
ported that the migration energy decreased from ~ 1.45
eV for to O] 0.5-1.2 eV for double-ionized O?~ ions
[92], suggesting that high ionization levels such as that
found during electron irradiation might enhance point de-
fect migration (also see Section 4). Kingery observed
significant annealing of the volumetric expansion of MgO
during warming up to room temperature after neutron
irradiation at 77 K [93]. He suggested that either sponta-
neous close-pair recombination or else Frenkel pair recom-
bination due to interstitial migration with a range of activa-
tion energies (~ 0.2-0.8 eV) had occurred. On the other
hand, Sibley and Chen did not observe any F center
annealing in MgO during warmup to room temperature
after neutron irradiation at 80 K [96]. Recent diffusion
marker broadening measurements following Kr ion irradia-
tion at temperatures up to ~ 900°C reported an activation
energy of 0.3 to 0.35 eV for both the anion and cation
sublattices [94]. The authors suggested that the kinetics
were controlled by interstitial loop formation, which would
imply anion and cation migration enthalpies of 0.6 to 0.7
eV for the rate-controlling (slower) species on each sublat-
tice if the loop nucleation is a second order process. A
high temperature electron irradiation experiment [85] and a
recent MD calculation [26] have both reported oxygen and
magnesium interstitial migration energies < 0.1 eV in
MgO. Several irradiation studies on MgO by Rius et al.
have provided evidence that oxygen interstitials may be
mobile at temperatures < 27 K [97,98]. This conclusion
regarding low-temperature mobility of oxygen interstitials
in MgO is supported by separate electron [91] and proton
[99] irradiation experiments performed at 4 K and 15 K,
respectively, which found sublinear F center accumulation
rates. Since the maximum defect concentrations were <
100 appm, the sublinear behavior should not be due to
saturation in the defect concentration. A more likely expla-

nation is that uncorrelated recombination of point defects
occurred during the irradiation, due to long-range migra-
tion of oxygen interstitials or impurities. Due to the highly
ionizing nature of the electron and proton irradiations, it is
possible that the interstitial diffusion may have been en-
hanced by ionization processes (cf. Section 4). Another
proton irradiation study on MgO at irradiation tempera-
tures between 88 and 300 K found that the defect produc-
tion decreased rapidly with increasing temperature, with an
activation energy of ~ 0.1 eV [100]. Both the electron and
proton irradiation studies reported that F center annealing
did not occur when the MgO specimen was warmed up to
room temperature following irradiation [91,99,100]. There-
fore, either oxygen interstitial migration has already oc-
curred at the irradiation temperature (possibly assisted by
ionization processes), or else interstitials are immobile
below room temperature. The swelling measurements by
Kingery [93] and the observed sublinear F center accumu-
lation at low temperatures in several electron and proton
irradiation studies [91,99] suggest that the first mechanism
is more likely, but further work is clearly needed to resolve
the issue of interstitial mobility in MgO. A further compli-
cation is that the long range migration of point defects in
MgO can be strongly affected by impurities such as OH~
ions [101].

The published migration energies for vacancy and inter-
stitial diffusion in Al,O; are also summarized in Table 4.
The oxygen vacancy migration energy has been reported to
be ~ 1.8 eV in experimental [102,103] and theoretical
[86,104] studies. Pells and Stathopoulos reported an activa-
tion energy of ~ 0.55 eV for the formation of F, centers
from isolated F centers [16]. This corresponds to an oxy-
gen vacancy migration energy of ~ 1.1 eV, since the
nucleation process is a bimolecular (second order) reac-
tion. It is uncertain why their measured migration energy is
low compared to other measured values. Atobe and
coworkers noted that F, center formation occurred during
postirradiation annealing of neutron irradiated sapphire
specimens at temperatures above ~ 180°C, but they did
not measure an associated activation energy [105]. How-
ever, their results suggest that the oxygen vacancy migra-
ton energy is ~ 1 to 1.5 eV, assuming typical pre-ex-
ponential factors for the diffusion coefficient. Most studies
have concluded that cation diffusion occurs with a lower
activation energy than oxygen diffusion in Al,0O,
(103,106}, although there are very few experimental mea-
surements of the Al migration energy. Theoretical calcula-
tions suggest that the Al vacancy migration energy in
Al,O; 1s 1.8 to 2.1 eV [86,104], which is comparable to
the oxygen migration energy. A positron lifetime study of
electron-irradiated Al,O, reported that aluminum vacancy
annealing occurred above 930 K, which corresponds to an
activation energy of ~ 1.8~2.0 eV [107]. An early experi-
mental measurement by Palladino and Kingery suggested
an Al self diffusion energy of 4.9 eV [108], which gives an
Al vacancy migration energy of <1 eV if the calculated
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Schottky formation energy of 4 to 5 eV [86,104] is sub-
tracted. It has been suggested that this measurement was
too low due to grain boundary diffusion or other extrinsic
diffusion effects [86,104].

There is relatively little information available on the
interstitial migration energies for Al,0;. Many studies
have implicitly assumed that interstitials are immobile in
Al,O; at temperatures below 100-300°C. Annealing of F
centers following irradiation near room temperature has
been observed to occur at temperatures above ~ 100°C
[5,105,109-111], and has generally been attributed to
Frenkel pair recombination associated with long range
migration of oxygen interstitials. However, several optical
absorption studies have reported that the decrease in F
center concentration above 200°C coincides with the for-
mation of oxygen divacancy clusters [5,105], indicating
that the F center annealing in this temperature range is due
to oXxygen vacancy migration rather than interstitial migra-
tion. Mixed results have been obtained regarding the mini-
mum temperature for interstitial migration in Al,O;. A
relatively high dose study reported that F center annealing
did not occur during warmup to room temperature follow-
ing ion irradiation at 77 K, suggesting that oxygen intersti-
tials are immobile below room temperature {112]. On the
other hand, annealing of F centers at room temperature has
been reported in several studies for Al,O, specimens
irradiated at or below 300 K [21,109,111,113]. This low-
temperature F center annealing has been attributed to
‘close-pair” recovery [5], but a more likely explanation is
that three-dimensional interstitial migration occurs at tem-
peratures as low as ~ 200 K in Al,0,. Kingery reported
that the lattice parameter increase in sapphire irradiated
with neutrons at 77 K exhibited significant annealing at
test temperatures as low as 200 K [93]. A detailed exami-
nation of the kinetics of the lattice parameter and density
changes during annealing at temperatures between 200 and
400 K led to the conclusion that interstitials with a range
of migration energies between 0.2 and 0.8 eV were respon-
sible for the annealing [93]. An EPR study concluded that
at least three different orientations of Al interstitials were
present in Al,0; following neutron irradiation at 77 K,
each having different migration energies [114]. Two of the
configurations were found to be unstable (mobile) below
room temperature, whereas the third configuration was
thermally stable at room temperature, which suggests that
the Al interstitial migration energies range from ~ 0.3 to
~ 0.8 eV for the different defect states. A luminescence
study on neutron irradiated Al,O, reported a migration
energy of 0.8 eV for Al interstitials [115]. Due to the
relatively high irradiation temperatures (> 320 K), the
possible presence of Al interstitial defect states with migra-
tion energies less than 0.8 eV would not have been de-
tected in the annealing study [115] since these defects
would easily migrate to sinks or form clusters during the
irradiation. A recent TEM study estimated the activation
energy for the rate-determining (slower) interstitial species

in Al,O; to be ~ 0.8 eV from an analysis of dislocation
loop denuded zones adjacent to grain boundaries in ion-
irradiated specimens [116]. As reviewed in Section 3.2,
numerous studies have observed that the Al,O, defect
production rate at room temperature is approximately an
order of magnitude lower than that observed at 15-77 K
[24,111,112,117]. The observation of sublinear defect ac-
cumulation rates during irradiation near room temperature,
e.g.. Ref. [111], is a strong indication of uncorrelated
recombination due to long-range migration of interstitials
(cf. Section 3.2). In summary, it appears that both Al and
O interstitials are mobile in Al,O; below room tempera-
ture, but further work is needed to determine their migra-
tion energies. It is likely that a range of activation energies
may be observed, corresponding to different orientations of
the interstitial along with possible impurity trap effects.

Point defect mobilities are not well known for the other
ceramics considered in this review. A brief summary of the
data for diamond and SiC illustrates the magnitude of the
uncertainties in the data base. Several studies have investi-
gated the mobility of point defects in diamond [52,62-
64,118]. It is generally agreed that vacancy migration
occurs at temperatures above ~ 850°C [62,118]. The re-
ported threshold temperature for thermally activated inter-
stitial migration in diamond ranges from ~ 50-100 K
[63,118] to 260-350 K [52,62,63]. The large range in
reported interstitial migration temperatures is mainly asso-
ciated with uncertainties about the influence of migrating
impurities on experimental measurements [63]. A recent
300 keV electron irradiation study observed defect cluster
formation at a temperature of 16 K [64], which implies that
interstitials are mobile at this very low temperature. It
appears likely that ionization-induced diffusion (cf. Section
4) may be influencing at least some of these measure-
ments.

Most of the experimental data on SiC indicate that
vacancy migration occurs with a range of activation ener-
gies at annealing temperatures between ~ 500 and 1000°C
[53,119-121]. An activation energy of 2.2 eV has been
reported for carbon vacancy migration [53]. Similar results
have also been obtained in a recent MD simulation study,
with reported activation energies of ~ 2.6 eV and 2.9 eV
for carbon and silicon vacancies, respectively [65]. Va-
cancy annealing has been observed in irradiated SiC at
temperatures near 100°C [120,121] which may be at-
tributable to interstitials migrating to the Si vacancies. On
the other hand, an older EPR study concluded that Si
vacancies were mobile in pure SiC at room temperature
[122]. Boron impurity trapping effects were reported to
increase the effective Si vacancy migration energy to
~ 1.5 eV [122]. Very little information is known about
interstitial migration in SiC. MD calculations suggest that
the migration energies are ~ 1.3 eV and ~4 eV for
carbon and silicon interstitials, respectively [65]. A recent
analysis of temperature-dependent amorphization data for
ion and neutron-irradiated SiC suggests that the interstitial
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migration energy is ~ 0.6 eV [123]. It was assumed in
their analysis [123] that this activation energy corre-
sponded to the slower migrating interstitial (presumably
Si).

3.2. Surviving defect (production efficiency) measurements

It is well established from experimental and theoretical
studies on metals that the fraction of defects that survive
in-cascade (correlated) recombination events decreases
from ~ 100% to ~ 30% of the number of displacements
calculated by NRT model as the average primary knock-on
atom (PKA) energy increases from ~ 100 eV to > 10
keV [124,125). Measurement of this surviving defect frac-
tion (also known as defect production efficiency) can only
be performed at temperatures where point defects are
immobile and at doses well below the level that produces a
saturation in the defect concentration (typically ~ 0.1
at.%); otherwise, uncorrelated recombination and/or cas-
cade overlap events interfere with the measurement and
produce an underestimate of the surviving defect fraction.
As established by radiation effects studies on metals, a
sublinear defect accumulation rate is a clear indication that
either uncorrelated recombination or cascade overlap is
occurring [126].

There have been numerous attempts to measure the
surviving defect fraction in MgO and Al,O, irradiated
with different types of particles. Almost all of these studies
used optical absorption techniques to monitor the concen-
tration of oxygen vacancies. Unfortunately, most of these
irradiation studies were performed near room temperature,
where it is likely that interstitials are sufficiently mobile to
diffuse long distances and cause uncorrelated recombina-
tion with the oxygen vacancies (cf. Section 3.1). Fig. 1
shows an example of the dose-dependent oxygen vacancy
accumulation behavior for Al,0, irradiated with neutrons
at 15 K and 360 K [111]. A constant factor of 1 dpa=1 X
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Fig. 1. Dose-dependent F center concentration measured at room
temperature in sapphire after fission reactor irradiation at 15 K
and 360 K [111].

10% n/m? (E> 0.1 MeV) was used to convert the origi-
nal fluence values to a displacement damage level in this
figure. The optical absorption measurements were made at
room temperature, so it is possible that some F-center
annealing may have occurred in the specimen irradiated at
15 K prior to the data acquisition. However, the main
feature of importance is that the defect accumulation rate
was sublinear with dose for the specimen irradiated at 360
K whereas a linear accumulation rate was obtained for the
specimen irradiated at 15 K. It is difficult to imagine that
cascade overlap effects could be responsible for the sublin-
ear behavior in the 360 K specimen, since the maximum
defect concentration was < 10 appm and the maximum
dose was < 0.0004 dpa. The observed square root dose
dependence for the F center accumulation at 360 K is in
accordance with the predictions of the ‘unsaturable trap
model’ for defect accumulation that has been used to
explain uncorrelated recombination processes in irradiated
metals [126]. Application of this model to the 360 K data
gives an estimate for the mobile oxygen interstitial fraction
(relative to the NRT value) of f~ 20%. However, it is
unlikely that such a simplistic model (or other models
developed primarily for metals, e.g., [127-129]) could
accurately model the physical processes occurring in an
irradiated ceramic consisting of multiple sublattices. From
the linear defect accumulation rate obtained on the speci-
men irradiated at 15 K, it can be inferred that the oxygen
monovacancy concentration is ~ 10% of the calculated
NRT value. This is a lower limit to the surviving defect
fraction, since some defects may have been annihilated
during the warmup to room temperature and defect clusters
(divacancies, etc.) are not included in this measurement.
Several optical absorption studies have concluded that the
defect cluster concentration is typically much less than the
monovacancy (F center) concentration for neutron irradi-
ated MgO or Al,O; at temperatures below 400 K
[5,105,130]. On the other hand, significant concentrations
of a defect with a 574 nm absorption band tentatively
identified as an oxygen divacancy [130,131] have been
observed in MgO irradiated with fission neutrons near 350
K [132]. The concentration of this divacancy center was
significantly greater than that for the F center over a wide
dose range of ~ 0.0001-0.1 dpa.

Fig. 2 shows the dose-dependent F center concentration
in MgO irradiated with either fission or D-T fusion (14
MeV) neutrons near room temperature [133]. Conversion
factors of 1 dpa=1X10% n/m? (E> 0.1 MeV) and 1
dpa=0.5 %10 n/m? (E = 14 MeV) were used to con-
vert the original fluence values to displacement damage
doses in this figure. It can be seen that both the fission and
fusion data exhibited approximately linear behavior up to
~107* dpa (~ 10 appm vacancy concentration), and a
square root dose dependence was observed at higher doses.
From the slope of the low-dose region, the oxygen mono-
vacancy concentration is seen to be ~ 10% of the calcu-
lated NRT value. Application of the unsaturable trap model
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Fig. 2. Dose-dependent F center concentration measured in MgO
after fission reactor or 14 MeV neutron irradiation near room
temperature [133].

[126] over the linear and square root regions of the plot
yields an estimate for the mobile oxygen interstitial frac-
tion of ~ 8% for the fission data and ~ 9% for the 14
MeV neutron data. Although these latter values are in good
agreement with the low dose (linear accumulation) results,
it must be reiterated that the validity of a simplistic model
such as the unsaturable trap model for ceramic materials is
uncertain. All of these measurements must be considered
as lower limits to the surviving defect fraction since
correlated point defect recombination has probably oc-
curred, and defects contained in clusters were not counted.

Numerous studies have reported that the point defect
accumulation rates obtained from F center measurements
on MgO [91,99,100,134] and Al,O; [5,24,111,112,117,
134,135] are about an order of magnitude higher for
irradiation at cryogenic temperatures (4-77 K) compared
to room temperature. Unfortunately, many authors did not
investigate the possibility of sublinear defect accumulation
rates, so the quantitative accuracy of the reported room
temperature values is uncertain. In some cases, the authors
noted sublinear behavior but still quoted an average sur-
vival fraction (obtained from the quotient of the observed
defect concentration and the dpa level).

The published surviving defect fraction measurements
on Al,O, irradiated at cryogenic temperatures are summa-
rized in Fig. 3 [93,111,112,134,135]). Data obtained at
irradiation temperatures > 290 K were not included in this
plot, since it is likely that interstitials are mobile at these
temperatures and would reduce the apparent surviving
defect fraction via correlated and uncorrelated recombina-
tion. Most of the data in Fig. 3 were obtained from F
center measurements, and therefore do not include surviv-
ing defects that have clustered (divacancies, etc.). The
cryogenic density measurements by Kingery [93] were
converted into a surviving defect fraction by assuming a
Frenkel pair relaxation volume of 1 atomic volume and
assuming a neutron fluence conversion of 1 X 10% n/m?
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(E>1 MeV)~2 dpa. The F center measurements by
Averback et al. [134] were performed at room temperature
following ion irradiation at 77 K, so some defect annealing
may have occurred. Considerable variability exists in the
data, but the apparent surviving defect fraction in Al,O; is
~30% of the modified Kinchin-Pease calculated dis-
placements at all PKA energies between 0.1 and 90 keV.
This result is in contrast to defect production measure-
ments on light metals such as aluminum (also plotted in
Fig. 3) which observed a steady decrease in the surviving
defect fraction from ~ 100% to ~ 50% as the average
PKA energy increased from ~ 0.5 keV to ~50 keV
[124). The relatively low surviving defect fraction mea-
sured in Al,O; compared to Al may be attributable to
either a larger spontaneous recombination volume or more
likely, the presence of a significant amount of clustered
defects which were not detected in the F center measure-
ments. It is also possible that at least some interstitial
configurations in Al,O; may be mobile at 80 K, which
would inevitably lead to some point defect recombination
and thereby reduce the measured surviving defect fraction.
The experimental measurements on Al were performed at
temperatures below 10 K.

Estimates of the surviving defect fraction in MgO
obtained from measurements on specimens irradiated at
4-80 K are summarized in Fig. 4 [91,93,99,112,134,136].
Once again, the data by Averback et al. [134] may be an
underestimate of the surviving defect fraction since their
optical measurements were performed at room tempera-
ture. The MgO density change data by Kingery [93] were
converted into a surviving defect fraction using the same
assumptions as for his alumina data. The measured surviv-
ing defect fraction in MgO does not exhibit any noticeable
dependence of PKA energy between 0.1 and 90 keV. This
behavior is similar to the results for Al,O (Fig. 3), but is
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Fig. 3. Surviving defect fraction in Al, O, irradiated at cryogenic
temperatures, as obtained from F center [111,112,134,135] and
density change [93] measurements. Data obtained on irradiated Al
[124] are shown for comparison.
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Fig. 4. Surviving defect fraction in MgO irradiated at cryogenic
temperatures, as obtained from F center [91,99,112,134,136] and
density change [93] measurements. The F center measurements by
Averback et al. [134] were performed at room temperature and
therefore represent a lower limit to the surviving defect fraction
due to possible annealing.

in sharp disagreement with the results obtained at low
temperatures on aluminum and other metals [125]. MD
calculations performed on MgO indicate that the sponta-
neous point defect recombination volume is only slightly
larger (by ~ 50%) than typical values for metals [26].
Therefore, the defect production efficiency versus PKA
energy for MgO would be expected to be qualitatively
similar to that observed in metals. Further measurements
on MgO and Al,O; at temperatures near 4 K are needed to
determine if the apparent independence of the surviving
defect fraction on PKA energy is an experimental artifact.
As discussed in the following section, the possible influ-
ence of ionization-induced diffusion and ionization-en-
hanced point defect recombination also needs to be consid-
ered in the analysis of the defect production efficiency
data, particularly at low PKA energies where the concen-
tration of ionized defects per displacement is relatively
high.

4. Role of subthreshold irradiation on microstructural
evolution

Several significant radiation effects can occur in ceram-
ics from exposure to irradiation particles that are not
sufficiently energetic to produce displacement damage by
elastic collisions, i.e., subthreshold energy irradiations. It
is well known that ionizing radiation can efficiently pro-
duce displacement damage in numerous inorganic insula-
tors, including alkali halides, silica, and various hydrides,
carbonates, chlorates, bromates and silicates [1,3,8]. On the
other hand, displacement damage by ionizing radiation has
not been observed in crystalline oxide or nitride ceramics
such as MgO, Al,0;, AIN or Si;N, [8,137]. Several

studies have noted that intense beams of ionizing radiation
such as that found in field-emission-gun electron micro-
scopes can cause reduction of oxides [138-141]. This
reduction and accompanying desorption can lead to surface
faceting and ‘hole-drilling’ in the electron-irradiated re-
gion. It has been demonstrated that this phenomenon is due
to ionization processes rather than atomic collisions
[139,140], and the process is accelerated at elevated tem-
peratures [141,142]. Models such as the Knotek—Feibel-
man radiolytic mechanism [143,144] have been proposed
to explain these effects, and it has been suggested that
several ionization mechanisms may be simultaneously op-
erating [139,140]. It has also been proposed that multiple
ionization self trapped exciton processes may promote the
surface desorption of oxygen in intensely ionizing radia-
tion environments [145]. For the purposes of this review, it
is worth noting that ionization-induced reduction of ceram-
ics such as Al,0; and MgO is generally only of impor-
tance in high-dose studies of thin films that utilize highly
ionizing radiation sources.

Another important process in semiconductors and insu-
lators associated with irradiation sources that deposit sig-
nificant amounts of energy via ionization or subthreshold
elastic collisions is the enhancement of point defect diffu-
sion [2,146,147]. This enhancement in diffusion occurs in
bulk specimens as well as thin films, and therefore can
have a potential impact on all radiation effects studies on
ceramics. It has generally been assumed that the enhance-
ment in diffusion is due to ionization effects, although in
some cases it is possible that subthreshold elastic collisions
may also be assisting the point defect diffusion. Early
work by Walker demonstrated that neutron-induced point
defect swelling in BeO could be substantially annealed by
exposure to 1 MeV electrons at 100°C [148]. Subsequent
studies on Al,O; and MgO reported that proton or 8 keV
electron irradiation could anneal the volume expansion
created by prior heavy ion irradiation [149—151]. Further
confirmation of point defect annealing in MgO and Al,O,
by subsequent subthreshold irradiation has been recently
obtained by several other research groups [91,134,152].
These results suggest that ionizing radiation can stimulate
annealing of close Frenkel pairs. The subthreshold irradia-
tion-stimulated annealing process in these oxides was ob-
served to be enhanced at higher irradiation temperatures
[134].

Several additional experimental observations have
demonstrated that subthreshold irradiation can promote
point defect diffusion in ceramics. An ordered array of
cavities was observed in alumina irradiated with simultane-
ous triple ion beams (H, He, Al) at room temperature
[153], indicating that significant vacancy diffusion oc-
curred at temperatures well below the reported temperature
for vacancy migration in alumina (Section 3.1). The diffu-
sivity of hydrogen isotopes was observed to be signifi-
cantly increased by ionizing radiation in a wide range of
oxide ceramics [154,155]. Recent work on Al,O, and BeO
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has reaffirmed the presence of ion beam induced desorp-
tion of deuterium [156]. The enhancement in deuterium
desorption during 1 to 2 MeV He ion irradiation was
tentatively attributed to an increase in the bulk diffusivity,
although radiation-enhanced surface detrapping was also
considered to be a possible explanation. Several different
research groups have demonstrated that room temperature
ion beam amorphization can be inhibited in several ce-
ramic insulators [157,158] and semiconductors [159] by
simultaneous irradiation with electrons or light ions, and it
has also been shown that subthreshold electron irradiation
can enhance the recrystallization of amorphous oxide ce-
ramics [160] and semiconductors [159,161]. Both elec-
tronic excitation (ionization) and subthreshold energy
transfer mechanisms have been proposed to explain the
observed inhibition of amorphization by low-energy elec-
tron bearns [159,161]. In contrast, it is worth noting that
ionizing radiation apparently has an insignificant effect on
the amorphization behavior of SiC [157].

Recent work on ion-irradiated MgAl,O,, Al,O; and
MgO has found that dislocation loop nucleation is sup-
pressed and loop growth is enhanced for light jon irradia-
tions compared to heavy ion irradiations [116,162-164].
Figs. 5 and 6 show the loop density and size measured in
Al O, specimens irradiated at 650°C with ions ranging
from 1 MeV H to 3.6 MeV Fe [164]. The loop measure-
ments are plotted as a function of the electronic to nuclear
stopping power (ENSP) ratio, which is a rough measure of
the amount of ionization per displaced atom [162]. It can
be seen that the Al,O4 loop size and density are roughly
independent of changes in the irradiation spectrum until
the ENSP ratio approaches a value of about 1000, which
corresponds to the production of ~ 10 electron—hole
pairs per dpa. At ENSP ratios above ~ 1000, the loop
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Fig. 5. Effect of irradiation spectrum (electronic to nuclear stop-
ping power ratio) on the loop density in Al,O, irradiated with
single ion beams at 650°C [164].
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Fig. 6. Effect of irradiation spectrum (electronic to nuclear stop-
ping power ratio) on the loop size in Al,O; irradiated with single
ion beams at 650°C [164].

density decreased and the size increased. Qualitatively
similar behavior was also observed for MgO and MgAl,O,,
although the transition occurred at ENSP ratios of ~ 400
and ~ 10, which corresponds to ~ 1000 and ~ 100 elec-
tron-hole pairs /dpa, respectively [116,163]. The observa-
tion of dislocation loop coarsening above a critical ENSP
ratio is evidence for enhanced interstitial diffusion from
ionization processes. An additional possible effect associ-
ated with the light ion irradiations is an ionization-en-
hanced increase in the spontaneous recombination volume
of Frenkel defects within the displacement cascade [165].
However, the increase in dislocation loop size for the light
ion irradiations indicates that a significant concentration of
point defects escape recombination. Therefore, the domi-
nant irradiation spectrum effect appears to be an enhance-
ment in the point defect diffusion for highly ionizing
radiation environments.

One disadvantage associated with the single beam ion
irradiation experiments is that the average PKA energy
decreases for the light ion irradiations. Therefore, it is
possible that the observed decrease in loop density for the
light ion irradiations may be partially due to production of
an increasing proportion of isolated point defects (as op-
posed to defect clusters). Whereas the surviving defect
fraction measurements summarized in Figs. 3 and 4 indi-
cate that the defect production efficiency does not vary
strongly with PKA energy, it must be recognized that
homogeneous nucleation of dislocation loops by isolated
point defects would be more difficult compared to hetero-
geneous nucleation on defect clusters formed directly in
the displacement cascade. Homogeneous loop nucleation
would be even more difficult if ionization-enhanced point
defect recombination occurs. A limited number of simulta-
neous dual beam irradiations have been performed on
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spinel, in an attempt to separate PKA spectrum and ioniz-
ing radiation effects [116,163,166]. The dual beam results
at 650°C indicate that the density of dislocation loops
produced by medium-mass ions is unaffected by uniform
ionizing radiation until the global ENSP ratio exceeds
~ 100, i.e., a factor 10 higher than found for the single ion
beam irradiations [163]. This observation suggests that
PKA spectrum effects (or else the location of the ioniza-
tion relative to the displacement damage) may have some
influence on the microstructural development. However,
ionizing radiation exerts a dominant effect at high ionizing
dose rates (ENSP ratio > 100 in this case). Yasuda et al.
have also obtained some evidence that the suppression in
dislocation loop nucleation in spinel scales better with total
ionizing radiation flux rather than the ENSP ratio [166].

It is worthwhile to point out the fundamental difference
between radiation-induced diffusion in ceramics, associ-
ated with subthreshold irradiation, and the well-known
process of radiation-enhanced diffusion. Ignoring contribu-
tions from clusters such as divacancies, the diffusion coef-
ficient can be written as D =f, D, C, + f,D;C;, where f;,
are geometric correlation factors which have values near
unity and C;, are the atomic concentrations of interstitials
and vacancies, respectively [127]. The interstitial and va-
cancy diffusion coefficients are given by

Ei‘?v 3
kT ° &

where a,, is the lattice jump distance, v;, are the intersti-
tial and vacancy jump frequencies, and E;%, are the intersti-
tial and vacancy migration energies. The well-known pro-
cess of radiation enhanced diffusion (RED) is due to an
increase in the point defect concentrations C;, above their
normal thermal equilibrium values during irradiation [127].
In contrast, physical processes such as ‘ionization en-
hanced diffusion’ [2,146,147] and subthreshold elastic col-
lisions lower the thermally-activated energy for diffusion,
and are rigorously classified as radiation induced diffusion
(RID) processes [167]. Therefore, the process known as
‘ionization enhanced diffusion’ should more correctly be
called ionization induced diffusion (IID).

At this point it is not clear whether the point defect
diffusion in ceramics induced by subthreshold particle
irradiation is mainly due to ionization effects or subthresh-
old elastic collision effects. Experiments evaluating the
energy dependence of electron beam stimulated regrowth
of amorphous zones in irradiated semiconductors have
shown that the regrowth rate increases with decreasing
energy below the threshold energy for creating displace-
ment damage [161]. Since both the elastic collision and the
ionization cross-sections increase with decreasing electron
energy, additional analysis such as irradiation temperature
dependence or estimated magnitude of the measured
cross-section is needed to discriminate between the two
processes (the ionization cross-section is several orders of
magnitude larger than the elastic collision cross-section).

2
D. =av

iv o,V

exp —

However, the experimental measurements on semiconduc-
tors suggest that the increased diffusivity is primarily
associated with ionization.

There are several possible mechanisms for ionization
induced diffusion [2,168]. One important mechanism
(termed ‘normal ionization enhanced diffusion” by Bour-
goin and Corbett [168]) is based on creation of ionized
point defects such as F* centers, which could migrate
through the lattice with a lower migration energy than F
centers before eventually becoming trapped or converted
back to an F center. This mechanism is supported by
theoretical calculations [89,92] and experimental results
[169] on MgO which indicate that ionized vacancies and
interstitials have a lower migration energy compared to
non-ionized defects. However, it is uncertain whether an
ionized point defect would generally diffuse a significant
distance before reacquiring a free electron. Another in-
triguing ionization induced diffusion process is based on
alternating F/F* center ionization and is known as the
Bourgoin mechanism [168]. This diffusion process would
produce athermal migration of point defects, and only
occurs if the potential energy minimum for the ionized
defect coincides with the saddle point position for the
non-ionized defect and vice versa, i.e., the so-called *bista-
ble” configuration [147,167,168]. Experimental evidence
supporting the Bourgoin mechanism has been obtained in
several semiconductors [147], and it appears that this
mechanism may also occur for oxygen interstitial migra-
tion in MgO [116].

Further work is needed to improve the understanding of
the physical processes responsible for the observed irradia-
tion spectrum effects in ceramics. In particular, the effect
of PKA spectrum variations needs to be analyzed along
with variations in the jonization /dpa ratio. It also appears
that point defect diffusion in ceramics is promoted by high
particle fluxes [116,162,163], but quantitative models of
ionizing dose rate effects are not yet available. Finally,
ionization enhanced recombination effects were not ad-
dressed in this review, but could be an important mecha-
nism in insulators and semiconductors [165], particularly in
conjunction with ionization-induced diffusion processes.

5. Conclusions

Based on our review of published experimental mea-
surements, the threshold displacement energies for SiC,
diamond and alumina (oxygen sublattice) should be re-
vised downward from previously recommended values (cf.
Table 3). Additional E, measurements on BeO, MgAl,O,
and SiC are needed to supplement the existing data base.
Furthermore, experimental E;, measurements are particu-
larly needed for AIN and Si;N,, where no data currently
exist.

Considerable uncertainty exists regarding the quantita-
tive values of point defect migration enthalpies in ceram-
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ics. Some of this uncertainty is likely associated with
ever-present impurity trapping effects, which increase the
apparent migration energy. On the other hand, radiation
induced diffusion processes such as ionization induced
diffusion or subthreshold elastic collisions may produce
low apparent migration energies during irradiation. The
available data indicate that interstitials are mobile in MgO
and Al,O, at temperatures well below room temperature,
whereas vacancies become mobile above ~ 200°C in both
materials. The significant interstitial mobility at room tem-
perature has not been taken into account in numerous
published radiation effects studies on Al,O, and MgO.
Further experimental radiation effects studies at liguid
helium temperatures (combined with isochronal annealing)
would be valuable in determining the interstitial migration
energies for all ceramic materials.

Very few reliable measurements of the surviving defect
fraction (displacement damage efficiency) exist for ceram-
ics. Most of the published work was performed at room
temperature, and the data analysis did not account for
likely correlated and uncorrelated recombination of point
defects. Therefore, the reported values are typically an
underestimate of the surviving defect fraction. The limited
number of cryogenic irradiation studies on MgO and Al,O;
suggest that the surviving defect fraction is ~ 0.3 for both
materials over a wide range of PKA energies (0.1-100
keV). This apparent independence on PKA energy is in
sharp contrast to work performed on light metals such as
aluminum, where the surviving defect fraction (relative to
the NRT calculated displacements) varies from ~ 1 to
~ 0.5 as the PKA energy increases from ~ 0.1 to ~ 50
keV. Additional experimental work is needed to evaluate
the importance of correlated and uncorrelated point defect
recombination effects (in conjunction with ionization in-
duced diffusion) on the measured defect production rates
in ceramics.

There is considerable evidence that the irradiation spec-
trum (particularly ionizing radiation) can have a pro-
nounced effect on the microstructural evolution in ceram-
ics and semiconductors. Recent work on MgO, Al,O; and
MgAl,O, suggests that a dramatic transition in the mi-
crostructural evolution occurs at a certain ratio of the
electronic to nuclear stopping power. The observed mi-
crostructure in these materials also appears to be sensitive
to the magnitude of the ionizing radiation dose rate. On the
other hand, ionizing radiation does not appear to have a
pronounced influence on the microstructure of some ce-
ramics such as SiC. Further work is needed to quantify the
role of ionizing dose rate and PKA spectrum on the
microstructural evolution of ceramics.
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